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ABSTRACT: This paper explores the relationship between the level of preferred molecular orientation at different
length scales and the subsequent glassy stress/strain behavior of polystyrene. To produce samples with a range
of orientation states, samples of a commercial polydisperse polystyrene (Mw ) 274 000 g/mol, polydispersity)
2.74) were first drawn to a set draw ratio and then annealed for a range of times: subsequent to this the glassy
stress-strain behavior of the various annealed samples was then measured. Appropriate annealing times, and
temperatures, were informed by the molecular based theories for the melt state. In particular, annealing times
were chosen to span the range between the entanglement time,τe, and the typical reptation time,τd. Differences
in the deformation behavior were linked to measurements of the birefringence and thermal shrinkage, reflecting
short-range orientation and orientation of the order of the entanglement length, respectively. Results showed that
for short annealing times (∼τe) the birefringence fell almost immediately and that the true stress-strain curves
measured for these samples could be superposed by shifting along the true strain axis by an amount which correlated
with the sample birefringence. For longer annealing times, of the order of the Rouse timeτR, the stress/strain
curves were found to no longer superpose in the higher true strain region. The shape of the strain hardening
curve was found to correlate very well with the measurement of thermal shrinkage of the samples obtained after
annealing. Samples with different initial draw ratios (and hence different initial birefringence and shrinkage), but
then annealed to have the same shrinkage, were found to show the same shaped strain hardening curve: that is,
the higher strain region of the curves superposed.

1. Introduction

In recent years there has been significant progress in linking
the dynamics of polymer molecules with their melt flow
behavior.1 This has built on the original work of de Gennes2

and Doi and Edwards3 with the recent work of, among others,
Likhtman and McLeish.4 Much of this theoretical progress has
arisen from the insight that polymer chains of sufficient length
in the melt state areentangledand that topological entangle-
ments between polymer chains restrict their dynamics. Motion
perpendicular to the contour length of the chain is suppressed
by entanglements, giving rise to the common theoretical picture
that each chain is confined within a “tube” by the surrounding
chains. By building on this basic concept, it now appears to be
possible, at least in the case of monodisperse linear polymers,
to make an accurate theoretical prediction of measurements of
linear and nonlinear rheology and then (by embedding the
developed constitutive laws in fluid dynamics software) to
predict behavior in nonuniform flow. This is exemplified by
the recent study of Collis et al.,5 who followed such a route
with polybutadiene and polystyrene.

The goal of the present study has been to extend these ideas
of linking molecular structure and mechanical properties to the
solid state. Structure/property relationships in solid polymers
is an extensively researched area, with both experimental and
theoretical based studies, the majority of the studies looking at
amorphous polymers. Some of the earliest experimental studies
were carried out by Ward and co-workers working on poly-
(ethylene terephthalate) (PET).6-9 It was clear that there are
considerable differences in the birefringence/draw-ratio plots
between PET drawn above and belowTg, which led Ward to

suggest different mechanisms in these two temperature regions,
affine aboveTg and “pseudo-affine” below: for a review of
these studies see ref 10 (and more recently Okumura,11 also on
PET). A key question is the relationship between the imposed
macroscopic deformation and the strain at a molecular level.
Neutron scattering studies on glassy polycarbonate and poly-
(methyl methacrylate) have confirmed that deformation is affine
for long chains, and for length scales above the entanglement
length, but have also shown, for shorter chains and for length
scales of the order of a few monomer units, that the local
deformation can diverge from the affine assumption.12,13

Recently, an NMR study of segmental orientation in deformed
cross-linked poly(methyl methacrylate)14 demonstrated a strong
difference between deformation above and below the glass
transition temperature. The data were analyzed in terms of the
apparent network density required to reproduce the observed
levels of segmental orientation as a function of strain; it was
found that the apparent network density for deformation in the
glassy state was significantly higher than in the rubbery state.
Previously, Kashiwagi, Folkes, and Ward in their NMR study
of oriented PMMA15 concluded that the deformation had been
“pseudo-affine”, implying enhanced orientation at the segmental
scale. In their shrinkage studies of PET, Bhatt and Bell16

suggested that, as temperatures approachedTg from above, the
deformation continued to be rubberlike but with an increasing
entanglement density. Furthermore, they suggested that with
increasing deformation at the lower temperatures there was
network slippage resulting in a birefringence/draw-ratio plot
which was concave to the draw ratio, strongly reminiscent of
the pseudo-affine model of Ward.17 All of these studies suggest
that there are deviations from affine behavior at short length
scales especially aroundTg and below, and these might mimic
the “pseudo-affine” assumption.
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Recently, there has been some effort to model and understand
the deformation of amorphous glassy polymers via molecular
simulation, using techniques such as molecular mechanics,18,19

molecular dynamics,20,21 and dynamic Monte Carlo simula-
tion.22,23 Although the effective deformation rate in these
simulations is much higher than in experiments (and is ef-
fectively infinite in the case of molecular mechanics, which does
not include thermal motion), some interesting features emerge
which potentially have experimental relevance. The molecular
mechanics simulations18,19indicate that plastic relaxation events
are highly cooperative and involve many (perhaps thousands
of) atoms. This is also suggested by Capaldi et al.,21 who obtain
a transformation volume of 12 nm3 based on an apparent
activation volume of 0.21 nm3 and a transformation strain of
0.017. Both Li et al.22 and Chui and Boyce23 examine the
contribution of different types of interatomic force to the sample
stress. At small strains, all types of interactions
(bonded and nonbonded) make contributions to the increase
in stress. However, both studies conclude that the observed
strain hardening at large strains arises frombonded inter-
actions (and is thus an intrachain effect). This latter observa-
tion is an important one: while it is conceptually plausible for
strain hardening to arise both from intrachain interactions
(orientation and stretching of individual chains) and from
interchain interactions (e.g., via rearrangement of the locally
packed structure), the simulations strongly suggest only the
former is important.

The development of theoretical constitutive models to predict
glassy stress-strain behavior has proceeded along classical lines
with combinations of spring and dashpot elements (including
3D extensions of this concept). A common feature of the
majority of such models is the use of a nonlinear viscous dashpot
in series with a stiff spring to describe the small strain elastic
response and yield of the material; in parallel with this, a weaker
(sometimes nonlinear) spring provides strain hardening at high
strains.24-28 With respect to the strain hardening portion of the
stress-strain curve, the simulations referred to above support
the frequently proposed idea that the additional stress arises from
orientation and stretching of polymer molecules (the strain
hardening was shown to arise from bonded interactions). It
appears common to describe this molecular orientation as
occurring due toentanglementsbetween polymer chains. The
strain hardening stress in these constitutive models is thus
formulated by appealing to rubber elasticity theory, using either
a simple Gaussian rubber or nonlinear constitutive law.

Given that there is a common concept of “entanglements” in
the description of both polymer melt flow behavior and strain
hardening of amorphous glassy polymers, it is natural to ask
whether these are, in fact, the same thing. The observations of
the NMR study of Wendlandt et al.14 demonstrate that they are
not the same: the apparent network density for deformation in
the glassy state is higher than in the rubbery/melt state. This is
consistent with the observation that the strain hardening modulus
in the glassy state is, typically, much larger than the melt plateau
modulus.29 Questions of this kind are important if one is
interested in how melt processing affects subsequent solid-state
deformation behavior after cooling: one needs an understanding
of the development of molecular structure and orientation in
both the melt and glassy states. It is known that flow in the
melt state can produce different levels of molecular orientation
at different length scales.5,30,31 It is important to know which
length scales are important in amorphous polymer deformation.
One might, ultimately, hope to be able to predict the level of
molecular orientation induced by a given flow and temperature

history during processing and the effect this will have on solid-
state deformation.

For the work reported here, the aim has been to establish
how molecular orientation at different length scales affects the
glassy stress-strain behavior of polystyrene. This has been
achieved by looking at the effect of the combination of a
controlled predeformation, followed by an annealing stage, on
the true stress/true strain curve. Suitable annealing times and
temperatures were chosen on the basis of molecular parameters
described in Collis et al.5 Birefringence and thermal shrinkage
have been measured for the various orientation states, and these
measurements have been correlated with the shape of the stress/
strain curves. While the philosophy of the work of our group
in this area, as exemplified by the published studies of Collis5

and Wu,32 has been to use monodisperse polymers, there is a
drawback in that, in general, only∼10 g of material is available.
For the work reported here, the need to develop and establish
a new set of experimental testing protocols meant that a more
widely available polymer was advantageous. For that reason
we have worked with a commercial polydisperse polystyrene.

2. Experimental Section

2.1. Sample Preparation and General Details.The material
used throughout this study was a commercially available, polydis-
perse, polystyrene, BASF PS2, which had a weight-average
molecular weight (Mw) of 274 000 g/mol and a polydispersity of
2.74. First, samples were produced for the orientation experiments.
This was achieved using an in-house microspinner, set to 220°C,
which produced parallel strips of dimensions 13 mm wide and 0.25
mm thick. Birefringence measurements on these strips showed this
to be zero, but thermal shrinkage measurements, carried out in a
silicone oil bath at 125°C for 1 h, showed a small amount of
shrinkage. An additional annealing stage, of 1 h at 140°C under a
very light pressure, was found to reduce this shrinkage to zero,
giving fully isotropic samples as the base for the subsequent tests.

In the next stage, samples were drawn to a set ratio at a fixed
temperature, annealed at this temperature for a range of times,
frozen, and then retested under uniaxial tension. These tests were
carried out using an Instron Extra Series 5500 screw driven tensile
test machine and a temperature-controlled cabinet. Following
previous work at Leeds investigating molecular orientation in
polystyrene,33 we chose 115°C as the temperature for the drawing
and annealing tests. The choice of annealing times was informed
from a knowledge of the various relaxation times involved with
polystyrene, calculated from the fitting of linear rheology measure-
ments to molecular based theories.4 For a monodisperse polymer
there are three important time scales,τe, τR, andτd, which are the
entanglement, Rouse, and reptation times, respectively.τe is the
time for a segment between entanglement points to relax and so is
independent of molecular weight. For polystyrene this is given as
7.13 × 10-4 s at a temperature of 170°C. From this the Rouse
time at 170°C (the relaxation of the whole chain in an unentangled
state) can be calculated fromτR ) τeZ2, whereZ ) (Mw/Me). The
Rouse time is thought to be the time scale for retraction toward
the equilibrium contour length of a polymer chain within its tube
following a nonlinear deformation.1 The reptation time,τd, is the
characteristic time for curvilinear diffusion of the chain along the
contour length of the tube and is given by the equation of Likhtman
and McLeish4 as

whereC1 ) 1.69,C2 ) 4.17, andC3 ) 1.55. Time-temperature
superposition is then used to determine the values of these three
relaxation times at other temperatures.

As is seen from the above equations, the Rouse and reptation
times are both dependent on molecular weight, so the equations

τd ) (3Z3τe)(1 -
2C1

xZ
+

C2

Z
+

C3

Z3/2)
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are strictly applicable only to monodisperse polymers. The calcula-
tions for the BASF polydispersed polystyrene used in this work
were therefore determined assuming that the appropriate molecular
weight Mw is the weight-average value from GPC measurements
(i.e., 274 000). As such, we use these calculations only to give a
guideline as to time scales of the typical molecular processes
occurring at the different annealing times. Obviously, there is a
distribution of Rouse and reptation times in this material, brought
about by the polydispersity. Figure 1 shows the results of these
calculations forτe, τR, andτd against temperature, in the range of
interest from 100 to 140°C.

2.2. Tensile Testing.To find the appropriate temperature for
the subsequent “glassy” stress-strain measurements on the annealed
samples, uniaxial tensile tests were carried out at a range of
temperatures. In the event, there was only a narrow temperature
range (100-120 °C) where these tests could be carried out. If the
temperature was too high, much greater than 120°C, then significant
molecular relaxation would occur during equilibrating the sample
to the test temperature (about 600 s). Alternatively, at temperatures
below 100°C, the deformation was found to become localized,
with the formation of a neck, and at even lower temperatures the
samples broke in a brittle manner. A temperature of 105°C was
therefore considered optimum for the glassy retest experiments. As
this is in the region of the glass transition temperature, accurate
temperature control, to within(0.1 °C throughout the oven, was
required for repeatability.

While the initial drawing and annealing experiments, detailed
in the previous section, were carried out at a constant displacement
rate (100 mm/min, with an initial gauge length of 60 mm), the
subsequent retest at 105°C was undertaken at a constant true strain
rate of 0.008 33 s-1. The tests were carried out on an RDP servo-
mechanical testing machine and an SPRI environmental chamber.
An external voltage source from a computer was used to control
the machine speed, and this was altered incrementally during the
test to keep the true strain rate constant (based on the initial gauge
length and the initial velocity and assuming homogeneous deforma-
tion). The sample strain was measured directly through the glass
oven door using a Messphysik video extensometer, and postpro-
cessing of these results confirmed that a constant true strain rate
was indeed achieved in the tests.

2.3. Birefringence Measurements.The birefringence of the
samples after the initial spinning, after drawing and annealing, and
after subsequent retest was measured using a Carl Zeiss Jena
microscope and an Ehringhaus compensator. As is normal with
polystyrene, the direction of maximum change in birefringence was
perpendicular to the main drawing direction due to the transverse
orientation of the polar benzene ring group with respect to the main
chain. For such a situation, relative changes in birefringence, as a
result of tensile drawing and subsequent annealing, are designated
as negative.

2.4. Thermal Shrinkage Measurements.Thermal shrinkage
measurements were also carried out on the same range of samples

in a silicon oil bath. Following previous work at Leeds investigating
molecular orientation in polystyrene,33 a temperature of 125°C and
a time of 1 h were chosen to carry out these measurements. The
samples to be measured were placed between mica sheets which
were held together with paper clips at their edges, and their length
before and after immersion in an oil bath was measured using a
traveling microscope. The shrinkage,S, was then determined from

3. Results

3.1. Draw Ratio 4:1.For the first set of experiments, samples
were drawn at a temperature of 115°C to a draw ratio of 4:1
(at a speed of 100 mm/min with an initial gauge length of 60
mm, thus taking a time of 108 s) and then held at constant length
for a range of times between 2 s and 5 days, at which point
they were frozen using a freezer spray. The birefringence and
thermal shrinkage were then measured on these samples before
retesting at the lower temperature of 105°C. For retesting, the
samples were deformed at a constant strain rate of 0.00833 s-1.

Figure 2 shows measurements of the birefringence and
thermal shrinkage with annealing time at 115°C for these
samples: the positions of the three major relaxation times,τe,
τR, andτd, calculated as described above, are also indicated in
this figure. The results show that the birefringence begins to
fall almost immediately with annealing at 115°C but that the
thermal shrinkage does not begin to fall until after a few minutes.
This must be linked to the characteristic length scale involved
in each relaxation process and how this relates to the macro-
scopic properties being measured.

Birefringence is a measure of the orientation of chain units
at the monomer length scale, i.e., orientation at the smallest
scales. While this local orientation does not decay completely
until the sample becomes completely isotropic at the reptation
time of the chains, Figure 2 indicates that the majority of the
birefringence is relaxed by processes around the entanglement
time scale,τe. This is an indication that the initial deformation
was sufficiently rapid to induce orientation and stretching in
short length scale modes of the chain, with characteristic lengths
of order the entanglement size or less (note that the deformation
time of 108 s is comparable to the entanglement time
τe ) 65 s at this temperature). These short length scale modes
relax their contribution to the birefringence on time scales of

Figure 1. Calculated values for the three relaxation times,τe, τR, and
τd, for BASF polystyrene PS2 (Mw ) 274 000 g/mol).

Figure 2. Birefringence ([) and thermal shrinkage (9) of drawn and
annealed samples vs annealing time at 115°C after an initial draw at
115°C of 4:1. The dotted lines show the positions of the three relaxation
times at a temperature of 115°C.

S) original length
final length
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order the entanglement time, giving rise to the immediate drop
in birefringence upon annealing evident in Figure 2.

The “shrinkage” indicates how far an unconstrained sample
will shrink upon remelting. The shrinkage process is governed
by a competition between stretched chain modes (which have
a long relaxation time and which drive the shrinkage) and
quickly relaxing modes (which act as a background viscosity
to limit the shrinkage rate). Broadly speaking, the long-lived
modes can be associated with melt entanglements, and the
structure and orientation of the chains with respect to their
entanglements govern the degree of shrinkage. Hence, the typical
annealing time scales for loss of shrinkage are the Rouse time
τR (chain retraction within the tube reduces the shrinkage
necessary to balance the stress due to entanglements) and
reptation time, as is evident in Figure 2.

Figure 3 shows the true stress-true strain curves of these
samples when retested at a constant true strain rate: in this figure
is shown results for annealing times between 0 and 90 s: First,
in Figure 3a is shown the data as collected. As the annealing
time is increased it is seen that the initial yield stress falls and
that the onset of strain hardening moves to a higher true strain
(the arrow indicates curves with increasing annealing time and
decreasing birefringence). Second, Figure 3b shows these same
curves but shifted along the true strain axis in order to
superimpose the strain hardening regions: it is seen that the
superposition is very good. Shifting of the stress-strain curves
in this way was first proposed in another context by Brody34

and has since been employed by Long and Ward8 and Oku-
mura,11 among others.

Figure 4 shows data for an additional sample, annealed for
12 min; this is the earliest annealing time for which a drop in
the sample shrinkage was observed. The stress-strain curve of
this sample cannot be shifted so that it superposes in the entirety
of the strain hardening region with the corresponding curves
for the samples with shorter annealing time. It is possible,
however, to shift so that the initial part of the strain hardening

region, up to a stress of roughly 7-8 MPa, superposes. We
shall define the “weak strain hardening region” to be that part
of the strain hardening curves for stresses less than 7 MPa, where
the rate of increase of stress with strain is relatively shallow. It
appears possible to obtain superposition of the weak strain
hardening regions for different samples via a shift along the
true strain axis. We define the “strong strain hardening region”
to be that part of the strain hardening curves for stresses greater
than 8 MPa, where the rate of increase of stress with
strain is relatively strong and where superposition is not always
possible. This definition of the strong and weak strain hardening
regions is, necessarily, an operational one, yet it appears useful
for the discussion of this and subsequent results. In particular,
note that Figure 4 provides an indication that the shape of the
strong strain hardening region may correlate with the sample
shrinkage.

For samples annealed between times of 1 min and 24 h,
Figure 5 shows the relationship between the strain offset
(relative to the unannealed sample) required to get super-
position of the stress-strain curves in the weak strain
hardening region and the measured birefringence in the annealed
samples before retesting. It is seen that this relationship is
roughly linear. For all annealing times greater than 12 min,
superposition was possible only in the weak strain hardening
region.

3.2. Draw Ratio 3:1.Experiments were also carried out by
drawing to 3:1 and annealing for the same range of times. Plots
similar to Figure 2 were generated, and a similar relationship
was found; that is, both the shrinkage and the birefringence fell
with increasing annealing time (although starting from lower
values) with characteristic times similar to those for the 4:1
drawn samples. Figure 6 shows a comparison of the effect of
annealing on the birefringence (a) and thermal shrinkage (b)

Figure 3. (a) True stress-true strain curves for 4:1 samples tested at
105 °C, after different annealing times at 115°C between 0 and 90 s
(constant true strain rate of 0.008 33 s-1). (b) True stress-true strain
curves for 4:1 samples tested at 105°C, after different annealing times
at 115°C between 0 and 90 s (constant true strain rate of 0.008 33
s-1). Data shifted along the true strain axis so that the strain hardening
region superpose.

Figure 4. True stress-true strain curves for 4:1 samples tested at
105 °C, after different annealing times at 115°C between 0 and 12
min (constant true strain rate of 0.008 33 s-1). Data shifted along
the true strain axis so that the region between strains of 0.4-0.6
superposes.

Figure 5. True strain offset required for superposition (in the true
strain range 0.4-0.6) vs the birefringence after annealing at 115°C.
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for samples initially drawn to a ratio of 3:1 and 4:1 and confirms
a similar shape for both, albeit starting from lower values. Figure
7, which shows the true stress/true strain curves for a 3:1 drawn
and frozen immediately sample and one annealed at 115°C for
90 s, confirms that the true strain offset also works at this lower
draw ratio. A similar superposition, in the weak strain hardening
region, was found for a sample annealed for 47 min, albeit with
a larger true strain offset.

In the previous section it was shown that there was a linear
relationship between the true strain offset and the starting

birefringence for the 4:1 drawn samples (Figure 5). In Figure
8a, the results for the 3:1 samples are plotted against these 4:1
results. It is seen that 3:1 results also show a linear relationship,
but starting from a lower level of birefringence for the 3:1 frozen
immediately after drawing sample (strain offset) 0), and also
show a lower slope.

Figure 8b,c explores alternative methods for presenting the
results of Figure 8a, for the different draw ratios. Results
presented in the following section (Figure 9) will show that the
samples drawn at different draw ratios and then frozen im-
mediately can also be superposed in the weak strain hardening
region. Using the 4:1 drawn and frozen sample as the reference,
the results of the lower draw ratios shown in Figure 8a can be
shifted by the true strain offset shown in Figure 9b and then
replotted as shown in Figure 8b. It is seen that when presented
in this way, the results fall on a rough master curve, suggesting
a link between the absolute birefringence and the true strain
offset. An alternative representation is to normalize the bire-
fringence values for each draw ratio set, by the birefringence
of the drawn and frozen immediately sample. The results

Figure 6. (a) Birefringence vs annealing time at 115°C for an initial
nominal draw ratio of 4:1 and 3:1. (b) Thermal shrinkage vs annealing
time at 115°C for an initial nominal draw ratio of 4:1 and 3:1.

Figure 7. True stress-true strain curves for 3:1 samples tested at
105 °C, after annealing times at 115°C for 0 and 90 s (constant true
strain rate of 0.008 33 s-1).

Figure 8. (a) Strain offset for superposition in the weak strain
hardening region vs the starting birefringence of the various samples:
results shown for draw ratios 4, 3, and 2. (b) Strain offset for
superposition in the weak strain hardening region vs the starting
birefringence of the various samples. The results are shifted with respect
to the 4:1 frozen immediately sample. (c) Strain offset for superposition
in the weak strain hardening region vs the starting birefringence of the
various samples. The birefringence values were normalized with regard
to the birefringence of the drawn and frozen sample for each draw
ratio.
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presented in this way (Figure 8c) suggest a strong link between
the “relative” change in birefringence and the true strain offset.
Further work is required to establish the most appropriate
method for the presentation of these results.

3.3. Draw Ratios of 4:1, 3:1, and 2:1sNo Annealing.
Figure 9 shows a comparison of the true stress/true strain curves
for samples drawn to three different draw ratios, frozen
immediately, and then retested at 105°C. Figure 9a shows the
curves as measured and Figure 9b the curves after shifting to
achieve a superposition in the weak strain hardening region.
This was done so as to match the curves at a true stress of 7
MPa (at much higher stresses the curves begin to diverge
significantly). These curves show a reasonable superposition
in the weak strain hardening region but require a true strain
shift for superposition due to a different starting birefringence
(-0.0092, -0.0059, and-0.0033 for the 4:1, 3:1, and 2:1
samples, respectively). However, the strong strain hardening
regions, at higher values of true strain, do not superpose. This
remains consistent with the hypothesis that this latter portion
of the curve is correlated with sample shrinkage. To clarify this
point, the combined draw ratio at the true stress of 7 MPa has
been calculated for the three samples and is shown in Table 1.
So, for example, although the 2:1 sample requires a higher level
of true strain to reach the true stress of 7 MPa, compared to the
4:1 sample, the combined draw ratio at this stress is lower than
the 4:1 sample (3.2 compared to 4.8), leading to a lower strain
hardening rate.

3.4. Further Annealing of 4:1 and 3:1 Samples.The results
obtained so far suggest that we can, to first approximation,
correlate the weak strain hardening region (and in particular
the offset required to achieve superposition) with the sample
birefringence and the strong strain hardening region with sample
shrinkage. To investigate this supposition, additional annealing
studies were carried out. In the first experiment, a 4:1 drawn
sample was annealed for a time to give the same thermal
shrinkage as a 3:1 drawn sample (67 min at 115°C gave a
shrinkage of 3.1 as shown from Figure 2). Figure 10a shows a
comparison of the true stress-true strain subsequent retest of
these two samples. It is seen that the weak and strong strain
hardening regions both superpose very well (the samples have
similar shrinkage) but that there is a true strain offset (due to a
different level of birefringence:-0.0025 and-0.0059 for the
4:1 67 min and 3:1 frozen samples, respectively).

In the second, analogous, experiment, a 4:1 drawn sample
was annealed for a time to give the same thermal shrinkage as
a 2:1 drawn sample (24 h at 115°C gave a shrinkage of 2.1 as
shown from Figure 2). Figure 10b shows that again, in the
entirety of the strain hardening region, the curves superpose
very well but that there is a true strain offset due to a different
birefringence (-0.0005 and-0.0033 for the 4:1 24 h and 2:1
frozen samples, respectively).

Figure 9. (a) True stress-true strain curves for samples drawn to 4:1,
3:1, and 2;1 at 115°C, frozen immediately and then retested at 105°C
at a constant true strain rate of 0.008 33 s-1. (b) True stress-true strain
curves for samples drawn to 4:1, 3:1, and 2;1 at 115°C, frozen
immediately and then retested at 105°C at a constant true strain rate
of 0.008 33 s-1. Shifted along the true strain axis to give superposition
in the intermediate true strain region.

Figure 10. (a) A comparison of the true stress-true strain curves
(tested at 105°C at a constant true strain rate of 0.008 33 s-1) for a
sample drawn at 115°C to 3:1 and frozen immediately and a sample
drawn at 115°C to 4:1 and annealed for 67 min. (b) A comparison of
the true stress-true strain curves (tested at 105°C at a constant true
strain rate of 0.008 33 s-1) for a sample drawn at 115°C to 2:1 and
frozen immediately and a sample drawn at 115°C to 4:1 and annealed
for 24 h.

Table 1. Product Draw Ratio (Initial Draw at 105 °C plus Retest at
115 °C) of Samples 1-3 in Figure 11 at a Stress Indicated by the

White Circle

sample

initial nominal
draw ratio
(at 105°C)

draw ratio for
retest to 7 MPa

(at 115°C)
product nominal

draw ratio

4:1 4 1.2 4.8
3:1 3 1.3 3.9
2:1 2 1.6 3.2
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These two results support quite well the hypothesis that the
strong strain hardening region is correlated with the sample
shrinkage.

4. Discussion

The experiments described above can be summarized as
follows. For all initial strains and annealing times, it was possible
to superpose the weak strain hardening region of the stress-
strain curves (<7 MPa) on retesting, via a shift along the true
strain axis. The amount of shifting required correlates reasonably
well (though not perfectly) with the sample birefringence. The
strong strain hardening region appears to correlate with sample
shrinkage measurements: samples with the same shrinkage
would superpose in the entirety of the strain hardening region,
once the appropriate shift for birefringence was made. To
illustrate this, Figure 11 collects all the data from Figures 9a
and 10a,b, and Table 2 details the initial draw ratio, annealing
regime, and measured birefringence and thermal shrinkage for
these five samples. Curves with the same thermal shrinkage were
shifted such their strain hardening regions superposed (curves
2 and 4 and curves 3 and 5 as shown earlier in Figure 10, a and
b, respectively), and all the curves were shifted to superpose at
the intermediate true stress of 7 MPa as shown by the white
circle in the figure.

As discussed in section 3.1, birefringence is a measure of
the local segment orientation of the samples. Annealing for even
short times (similar to or less thanτe) was found to relax this
birefringence rapidly, with an associated change in the shape
of the stress/strain curve. With knowledge of just the sample
birefringence, one is able to make a reasonable prediction of
the yield stress of the samples, and the stress/strain curve up to
the limit of the weak strain hardening region upon subsequent
retesting. The fact that the birefringence, the yield stress, and
the weak strain hardening region are affected by short annealing
times, and that they are correlated, provides a strong indication
that activated flow in the weak strain hardening region produces
molecular deformations which are very much local in nature,

involving correlations between a few statistical segment lengths
at most. This finding is very much in agreement with that of
Wendlant et al.,14 who show that the apparent network density
for deformations in the glassy regime (for PMMA) is equivalent
to just 2-3 statistical segment lengths per affine chain strand
and thus significantly higher than the entanglement density.

It is important, however, to discuss this result in the light of
computer simulations,18,19,21which suggest that plastic relaxation
events under flow are highly cooperative and involve many
(thousands of) atoms. (As discussed in the Introduction, Capaldi
et al.21 obtain a transformation volume of 12 nm3 based on an
apparent activation volume of 0.21 nm3 and a transformation
strain of 0.017.) The question arises: if a plastic relaxation event
involves a cooperative rearrangement of so many atoms over a
(relatively) large volume, how is it that the flow is able to
produce orientation in molecules at such short length scales?
The apparent contradiction can be overcome provided one
recognizes that a plastic relaxation event does not involve the
molecules within the transformation volume exploring all their
internal degrees of freedom; i.e., it does not equilibrate the whole
transformation volume. Instead, it seems most likely that each
plastic relaxation event constitutes a rearrangement of all the
atoms involved, which displaces each such atom just a small
distance away from the path it would take under a completely
affine deformation. (We note that, in the simulations of Shenogin
et al.,20 a large distribution of local atomic strains were found
near the yield point, but the very fact that the local strain could
be defined at all suggests that individual atoms do not move
far enough to separate completely from nearest neighbors.) For
this reason, the size of the plastic transformation volume is not
the important quantity for the chain dynamics; what matters is
the rate at which the chains are able to explore their surrounding
volume, and this is set by the frequency of plastic relaxation
events and the effect that each such event has on a given chain.
We may explore the simplest possible model, in which one
considers that each plastic relaxation event involving a given
monomer allows the monomer to make a “hop” of distanceκb
away from its affine path (whereb is the monomer step size),
and κ is a parameter we would expect to be less than, or of
order, one. If we assume each such hop made by a monomer is
uncorrelated with other hops, the number of hops required to
equilibrate a monomer with its surroundings is of order 1/κ2

(the process is diffusive). But, a chain undergoing local hops
can be described by the Rouse model for polymer dynamics,3

for which the time required to equilibrate the internal degrees
of freedom of a chain section ofn monomers is a factorn2

larger than the time taken to equilibrate a single monomer.
Hence, the number of plastic relaxation events (per monomer)
required to equilibrate a chain section ofn monomers isn2/κ2.
So, an important quantity is the number of plastic relaxation
events, involving a given monomer, which take place within
one unit of applied strain: this is just 1/∆ε where∆ε is the
transformation strain (taken to be 0.017 by Capaldi et al.21).
Hence, equatingn2/κ2 and 1/∆ε gives the maximum number of
monomers in a chain section which can equilibrate within one
unit of applied strain, i.e.

Taking∆ε ) 0.017 and (very generously)κ ) 1 givesnc ) 8.
Sections of chain involving this number, or more, of monomers
will be strongly deformed by the flow since they are not able
to relax all their internal configurations. We may note that
neither entanglements nor the size of the transformation volume

Figure 11. Comparison of all the results from Figures 9a and 10a,b.

Table 2. Birefringence and Thermal Shrinkage Values for the
Samples 1-5 Shown in Figure11 (Measured before Testing)

sample
measured
draw ratio

annealing
at 115°C

initial
birefringence

initial
thermal

shrinkage

1 4.11( 0.10 nosfrozen -0.0092( 0.0005 3.69( 0.15
2 3.01( 0.04 nosfrozen -0.0059( 0.0006 2.91( 0.19
3 2.03( 0.03 nosfrozen -0.0033( 0.0002 1.90( 0.10
4 4.04( 0.08 67 min -0.0025( 0.0001 3.14( 0.08
5 4.00( 0.07 24 h -0.0005( 0.00003 1.95( 0.07

nc ≈ κ

x∆ε
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is important in this argument. A test of the validity of this
argument could be made by computer simulation: one could
straightforwardly examine the deviation of individual chains
from their affinely deforming path using computer simulation
and hence test the rate at which chains explore their surrounding
volume.

With the use of the true strain shift, all the curves were found
to superpose up to a stress of∼7 MPa. If the stress optical law
was to hold at the testing temperature that was used (105°C),
then in the region where they superposed, they should also have
the same birefringence. This hypothesis was checked by a further
experiment. A 4:1 sample drawn at 115°C, and frozen
immediately, was retested at 105°C and taken to a true strain
such that a true stress of 7 MPa was reached (in the plateau
region of Figure 11 where all the curves superpose as shown
by the white circle), at which point the sample was again frozen.
A similar experiment was undertaken with a 2:1 sample, and
then the birefringence of these two samples was measured. The
results gave a value of-0.0235( 0.0005 for the 4:1 redrawn
sample and-0.0228( 0.0014 for the 2:1 sample, showing that
indeed, at the point given by the white circle (and presumably
for all other points where the curves superpose), their birefrin-
gence was very similar.

The correlation between birefringence and strain offset given
in Figure 8, however, is not perfect. We take this to be an
indication that there is some dependence in the weak strain
hardening region on aspects of the molecular orientation which
are not measured by birefringence: either higher order moments
of the segment orientation distribution function or variations in
the contribution of different normal modes of the polymer
toward the local segment orientation. Either of these could be
affected by the precise temperature and strain history of the
sample.

Nevertheless, it would appear that melt entanglements have
little to do with the weak strain hardening region. However,
the shape of the strong strain hardening region does correlate
with sample shrinkage. To the extent that sample shrinkage can
be related to the structure of the melt entanglements (and the
annealing relaxation time for shrinkage does indicate this to be
the case), we can conclude that behavior in the strong strain
hardening region is related to melt entanglements and the
orientation of chain sections on this larger length scale. Since
the noncrossing constraints in the melt must be preserved in
the glassy state, we speculate that the rate of increase of stress
in this region is related to the distribution of topological
entanglements and might involve chain sections between
entanglements being pulled tight. Such a picture has previously
been discussed in the context of crazing.35

We consider that two immediate extensions to this work might
provide useful additional information. First, it is important to
repeat these studies on monodisperse materials, in which the
relaxation timescales are more clearly defined. Second, it would
be informative to reduce the deformation temperature to values
more significantly below the glass transition temperature. A
possible criticism of this work is that the deformation temper-
ature was too close to the glass transition temperature, and while
we feel that lower temperatures would only serve to slow the
chain dynamics further, it is important to test this experimentally.
We note that there are suggestions in the literature for different
modes of deformation close to, and well below, the glass
transition temperature.36

5. Conclusions
Experimental results obtained in this paper, on polystyrene

samples produced using a combination of an initial draw at

115 °C and a subsequent annealing step, have shown how the
glassy stress-strain behavior at 105°C is affected by molecular
orientation at different length scales. The initial part of the
stress-strain curve was found to correlate well with the
measured birefringence, indicating a dependence on local
orientation states. Annealing at times of the order of the
entanglement time,τe, was seen to change the initial part of the
curve, while leaving the shape of the later, strong strain
hardening portion, unaffected. It was shown that the annealed
curves could be shifted along the true strain axis such that the
strain hardening regions superposed and that the amount of this
true strain shift correlated with the sample birefringence. For
longer annealing times, of the order of the Rouse timeτR, the
strong strain hardening regions were found to no longer
superpose, with the gradient of this region falling with increased
annealing. This reduction in gradient was found to correlate well
with the measured thermal shrinkage, that is, orientation at a
longer length scale, of the order of a few entanglements. Finally,
samples with a different initial draw, but then annealed to have
the same thermal shrinkage, were found to superpose in the
entire strain hardening region, reinforcing the link between the
state of orientation at the entanglement length scale with the
strong strain hardening portion of the glassy stress-strain curve.
Hence, prediction of the initial, weak strain hardening portion
of the stress-strain curve can be made, to a first approximation,
with only a knowledge of sample birefringence. Prediction of
the entire curve requires knowledge of orientation at multiple
length scales.
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